In Part 1 the mutual infl uence of the fi ller and the polymer matrix on the structure of each of them was shown. The introduction of fi ller into the polymer leads to a change in the structure of the latter. An analysis of this infl uence, involving methods of fractal analysis and a cluster model of the structure of the amorphous state of the polymers, is presented below.
The structure of the polymer matrix may be characterised by its fractal dimension d f . The ratio between dimensions D c and d f for specimens of PGE with fi ller is approximated fairly well by a straight line ( Figure 6 ). Let us examine the physical signifi cance of the change ("disturbance") of the structure of the polymer matrix, which is not necessarily connected with the introduction of the fi ller. Quantitatively and qualitatively (in physical terms), it is suggested that such "disturbance" be described within the framework of a cluster model of the structure of the amorphous state of the polymers [100, 101] . In this model, the structure is regarded as a collection of regions of local order (clusters) immersed in a loosely packed matrix. In turn, a cluster comprises a collection of several collinear closely packed segments of different macromolecules (an amorphous analogue of a crystallite with extended chains). The relative proportion of clusters ϕ cl is a parameter of the order of the structure in the strict physical meaning of this term [74, 102] 
where C ∞ is the characteristic ratio which is an indicator of the statistical fl exibility of a chain [103] , and S is the cross-sectional area of a macromolecule (m 2 ).
Equation (29) suggests that the increase in d f as the volume content of fi ller ϕ fi ll increases denotes a reduction in the relative proportion of clusters ϕ cl , i.e. a reduction in the degree of local order of the structure of the polymer matrix [73, 104] . Furthermore, increase in d f means an increase in the distance between the clusters or, in other words, an increase in the coeffi cient of self-similarity of the structure Λ i , equal [25] to
where D f is the dimension of the regions of localisation of excess energy.
By virtue of the fact that D f ≈ C ∞ [25] , increase in D f indicates a change in the statistical fl exibility of the chain. Furthermore, quantity D f characterises the distribution of the dimensions of the microcavities of the fl uctuation free volume [25] which likewise changes when the fi ller is introduced [105] . Consequently, the term "disturbance" of the structure describes a wide range of variations on * Part 1, see Plast. Massy, No. 4, 2004 a molecular, topological, and supermolecular level of the structure. Figure 15 gives the dependence ϕ cl (ϕ fi ll ), from which follows the above-indicated reduction in the values of ϕ cl as the values of ϕ fi ll increase. In this case, the greatest effect is achieved at relatively high values of ϕ fi ll (up to ~0.10) with a subsequent asymptotic change in the function ϕ cl (ϕ fi ll ) [73] .
As shown earlier, the degree of interaction of the two main components of the fi lled polymer can be expressed by the parameter Δd c = d c e -d c t . In turn, the relative degree of "disturbance" of the polymer matrix Δϕ cl can be assessed from the reduction in ϕ cl of the fi lled polymer by comparison with the previous ϕ cl [73] :
The dependence of Δϕ cl (Δd c ) for PGE with fi ller proved to be linear and is extrapolated to Δϕ cl = 0 at Δd c = 0 [73] . This confi rms the assumption that the two aboveindicated fractals (multifractals) in the structure of the fi lled polymer have an infl uence upon each other, and that constancy of the structure of the polymer in the matrix can be achieved only in the absence of a mutual infl uence of the fi ller and the polymer, i.e. independence of the two indicated fractals [73] .
As is known [88] , the fractal dimension of a substance is a function of the dimension of the substrate upon which it is formed, or the dimension of the space in which it is formed. During modelling, this situation is regarded as the behaviour of fractals on fractal (rather than euclidean) grids [89, 90] . The simplest model of a polymer macromolecular coil in good solvents comprises non-self-intersecting random walk, for which it is possible to write [89] R N g~ν (32) where R g is the radius of inertia of a coil, N is the degree of polymerisation, and n is the Flory index.
On a fractal grid of dimension D grid , the quantity ν can be estimated from the relationship [89]
Assuming that D grid = D c (as earlier, it is assumed that the structure of the polymer matrix is formed not in euclidean but in fractal space of dimension D c [84] ), it is possible to calculate the values of ν for the examined polymers of PGE with fi ller and then the fractal dimension D m of a macromolecular coil from the relationship [106] 
Then, d f for a linear polymer with a spectral dimension of the chain d s = 1 [107] can be obtained from the equation [108] d D
Comparison between experimental values of the fractal dimension of the structure of the polymer matrix for PGE with fi ller and values calculated by means of equations (33) and (35) showed [109] that there is complete qualitative identity of the dependences d f (ϕ fi ll ). However, the quantitative agreement is much worse (the discrepancy amounts to 15%). This agreement can be improved empirically by replacing the coeffi cient 3 in equation (33) with 2.5. In this case, excellent agreement is obtained between d f t (a discrepancy of up to 1%). Nonetheless, the applicability of the coeffi cient 2.5 in equation (33) To estimate ν on fractal grids, the following (more accurate [89, 90] ) formula was used:
where d e represents the chemical dimension or the dimension of "propagation", which characterises the distance between two points of the fractal object not as a geometric distance (a line connecting these two points) but as the "chemical" distance, i.e. the shortest path via particles of the object between these two points [89] . [109] To estimate d e , use was made of the simplest variant based on Flory approximation and proposed in [10] . For the dimension 4/3 < d < 4 it is possible to calculate the magnitude of parameter Z:
and then to determine d e in the following way [110] :
The spectral dimension d s is defi ned from the AlexanderOrbach relationship [107] :
where dimension d w in turn is calculated according to the Aaroni-Stauffer approximation (equation (18)). (36) is approximate, and its checking on Serpinskii sets showed that the values of n that are obtained according to this equation diverge from the precise values of this parameter in the range from ~3.5 to 7.5% [89] . Such an error is in agreement with results obtained in [109] .
An important check of the calculation of ν by any scheme is constancy of the product D grid ν = D c ν. As shown in [111] , the mass of a fractal M within the limits of rms distance <R g 2 > 1/2 can be written as
With distortion (change in dimension) of the grid, <R g 2 > changes, but M and N remain unchanged, since they are only a set of loci. Constancy of M and N entails a condition obtained from relationship (40):
In [109] the dependence ϕ fi ll (D c ν) was obtained, where, to check the correctness of the calculation carried out, ν was estimated by means of equation (36). It was shown that the condition D c ν = const is fulfi lled with good approximation, although a certain increase (less than 3%) is observed in this product as ϕ fi ll increases. Taking into account the approximations used in the calculations, such error must be acknowledged as acceptable.
STRUCTURE OF POLYMER MATRIX AS THERMAL CLUSTER
Earlier [74, 102] it was shown that the structure of amorphous polymers can be presented as a percolation system with a critical temperature T cr , which is the glass transition temperature T g . The relative proportion of clusters ϕ cl in this case is connected with T g by the relationship [74]
where T is the test temperature.
Worthy of note is the fact that the critical indices of the parameter of order β that were obtained in [74, 102] , although fairly similar to the classical percolation indices (equal to 0.3-0.4 [112] ), nonetheless differ from them in absolute magnitude. The reason for this discrepancy is that a percolation cluster is a purely geometric construction that is too simplifi ed a model for real amorphous polymers possessing a thermodynamically non-equilibrium structure. Therefore, the structure of the indicated polymers is affected by the thermal interactions which can be regarded as molecular mobility of the segments forming the percolation system. Remember that a cluster structure is assumed to be a thermal fl uctuation system [100] . Furthermore, cluster formation is investigated not on the scale of concentrations, as for a percolation cluster [112] , but on the scale of relative temperatures. Consequently, it is more correct to model the structure of amorphous polymers with a thermal cluster. In this case the parameter of order ϕ cl of the polymer structure is described by the equation [113] 
where the index of the parameter of order β t is not necessarily equal to the corresponding critical index β in purely geometric percolation models.
This gives grounds for investigating the structure of the polymer matrix of fi lled polymers within the framework of a thermal cluster model [27] . In [65] it was shown that the universality of the critical indices of the percolation system is directly connected with the fractal dimension of this system. Self-similarity of the percolation system suggests the presence of a number of subsets of order n (n = 1, 2, 4, …) which, in the case of the structure of fi lled polymers, are identifi ed in the following way [73] . The fi rst subset (n = 1) in the polymer matrix is the framework of a percolation cluster or a cluster network of physical entanglements of the matrix. The second subset (n = 2) is a loosely packed matrix in which a cluster network is immersed. The third subset (n = 4) is the framework of fi ller particles, which is specifi c to fi lled polymers. In such an interpretation, the critical indices of a percolation cluster β, γ, and t for threedimensional euclidean space are given as [65]
Thus, the quantities β, γ, and t are boundary values for β t , indicating which structural component of the fi lled polymer determines its behaviour. At β t = β, this component comprises clusters or, more precisely, the percolation cluster framework, which can be identifi ed with the cluster network. At β < β t < γ, the behaviour of the fi lled polymer is determined by the local infl uence of clusters and the loosely packed matrix. At β t = γ, the loosely packed matrix will be the determining structural component. At β t = t, the framework of fi ller particles (aggregates of particles) will be so, while at γ < β t < t the combined infl uence of these two structural components is observed.
Assuming an average value of d f for PGE with fi ller of ~2.70 [73], we will obtain from equations (44)-(46) β = 0.37, γ = 0.74, and t = 1.48. Then, using values of ϕ cl (see Figure 15) , it is possible, according to equation (42), to calculate the values of β t for both series of fi lled PGE. The dependences β t (ϕ fi ll ) are given in Figure 16 , from which it follows that, as ϕ fi ll increases in a fairly narrow range (ϕ fi ll ≤ 0.05), a rapid increase is observed in β t from ~0.37 for the initial matrix polymer to ~0.82-0.93 for fi lled polymers with ϕ fi ll = 0.044. Then, this increase continues, but much more slowly. Furthermore, the dashed horizontal lines in Figure 16 show the boundary values of β and γ for β t that have been calculated above. It can be seen that the cluster network affects the behaviour of the polymer only in the case of low ϕ fi ll , while for large ϕ fi ll the behaviour of this material is determined by the general infl uence of the framework of fi ller particles and the loosely packed matrix. This observation has fundamental importance in the sense that it assumes the dependence of the properties of most fi lled polymers (at ϕ fi ll > 0.05) on the structural state of the loosely packed matrix, which in turn is determined by the infl uence of the fi ller. In [9, 11] it was shown that the structural state of the indicated component may be characterised by the dimension of the regions of localised excess energy D f . Finally, from the data in Figure 15 it follows that surface treatment of the fi ller (reduction in d fi ll , see Figure 9 ) weakens its infl uence on the behaviour of specimens of PGE with fi ller.
In [114] it was shown that the quantity β t is a function of the degree of molecular mobility characterised by the fractal dimension of a section of the chain between entanglements D chain . At D chain = 1, the given section is entirely stretched between nodes of entanglements, its molecular mobility is suppressed, and β t = β. For maximum mobility, D chain = 2, and in this case β t = t. The quantity D chain can be calculated by means of the equation
The dependence of β t (D chain ) for systems of PGE with fi ller is given in Figure 16 . A linear increase in β t is observed with increasing D chain (increasing molecular mobility). However, in contrast to unfi lled polymers, the limiting D chain values indicated above are not achieved at β and t. At β t = β, i.e. in the case of a percolation cluster, the chains possess a certain degree of mobility (D chain ≈ 1.1). This assumes that the fi ller loosens the structure of the polymer matrix (probably at the phase boundary) even at the maximum possible density of local packing [1] . At β t = t = 1.48, the quantity D chain ≈ 1.55, i.e. the chain does not achieve its maximum possible degree of mobility, which is probably due to limitation of chain mobility by the surface of the fi ller. Thus, the main difference of the initial polymer and the corresponding matrix of the fi lled polymer is a lower possible variation in D chain for the latter (D chain ≈ 1.10-1.55) by comparison with the initial polymer (D chain ≈ 1.0-2.0), which is due to the infl uence of the fi ller on the structure of the polymer matrix [1, 65, 73].
As noted above, the framework of fi ller particles (aggregates of particles) is a fractal of dimension D c . The opposite nature of the dependences D c (ϕ fi ll ) and ϕ cl (ϕ fi ll ) [73] assumes a certain relationship between the parameters ϕ cl and D c . As was to be expected, increase in D c leads to greater "disturbance" of the structure of the polymer matrix, expressed by a reduction in ϕ cl . At the maximum possible value D c = 3, there is no local order in the structure of the polymer matrix (ϕ cl = 0). The maximum possible degree of local order can be calculated from equation (38) at β t = β = 0.57 and is equal to ϕ cl ≈ 0.57. Extrapolation of the ϕ cl (D c ) graphs to this value of ϕ cl yields D c = 2.0 for a PGE-fi ller system and D c ≈ 2.26 for a PGE-O system. Since quantity D c characterises the level of aggregation of fi ller particles [73] , the infl uence of the framework of fi ller particles on the structure of the polymer matrix (reduction in ϕ cl ) is realised at any degree of aggregation other than zero for a fi ller with an untreated surface, and only starting with a certain fi nal degree of aggregation for a fi ller with a treated surface [73] .
FRACTAL DESCRIPTION OF THE INTERPHASE LAYER IN FILLED POLYMERS
In examining the structure of a fi lled polymer, the interphase region of the boundary of polymer and fi ller is regarded as the result of the interaction of two fractals -the surface of fi ller particles and the polymer matrix. This is one of the most obvious approaches [73] . In the general case, this assumption can be examined within the framework of a multrifractal formalism.
For most fi lled polymers, the rigidity of the fi ller is far greater than that of the polymer [2] and, at the boundary with the fi ller, only the part of the polymer that is adjacent to the elastic fi ller will be regarded as the interphase layer [1, 115, 116] . It is this approach to the interphase layer that will be examined below.
As is known [117] , when two fractal objects interact, only a linear scale l exists, determining the distance of interpenetration of these objects. For the reasons indicated above, it is assumed [118] that, in fi lled polymers, the fi ller is introduced into the polymer matrix, and then l = l ip . In this case it is possible to write [117] 
where h is the lower linear scale of fractal behaviour, and R a is the radius of a fi ller particle.
To begin with we will analyse the variant where the quantity h is constant and is equal to unity. Then, as a measure of the extent of the interphase layer, we will examine its relative thickness (l ip /R a ), which is more convenient on account of the sign of proportionality in relationship (48). Comparison of the values of (l ip /R a ) t calculated from this relationship and the values of (l ip /R a ) e obtained in the course of measuring the corresponding characteristics on electron micrographs showed that a good linear relationship is obtained between them, passing through the origin of coordinates. However, data for each fi lled polymer yield straight lines with different slopes [118] . The spread that is observed in this case is due to objective factors: the quantity d fi ll has a statistical nature [66] , whereas, for calculation, use was made of its averaged value [77] . Obviously, one of the possible reasons for obtaining several lines, according to relationship (48), is the use during their plotting of the condition h = 1 = const. As noted above, the quantity h is the lower linear scale of fractal behaviour, which, for the surface of fi ller particles (in particular, graphite) [119] and the polymer matrix [20] , is equal to roughly 1 nm (more precisely, 0.3-1.6 nm). It has been shown above that the introduction of a dispersed fi ller into the polymer matrix leads to "disturbance" of its structure. On the molecular level, this effect is manifested in an increase in the characteristic ratio C ∞ of the polymer and, consequently, in the length of a statistical segment l st , estimated from the equation [120] 
where l m is the length of a skeletal bond of the main chain.
In [57] it was shown that the lower limit of fractal behaviour is determined by the fi nal size of the structural elements. It is evident that the structure of the polymer matrix also infl uences the dimensions of the interphase layer, which may be refl ected by introducing into relationship (48) the variable h, equal to l st , since it is the length of a statistical segment that is the smallest dimension characterising the properties of the polymer chain as a whole. (44) [118] . ϕ fi ll = 0.044 (7), ϕ fi ll = 0.176 (1) (2) (3) (4) (5) (6) 8) that it is affected by the characteristics both of the surface of the fi ller particles and of the polymer matrix [118] .
Within the framework of the concept described in [65], the quantity l ip can be expressed as
where ρ latt is the density of lattice packing, which is assumed to be equal to ~0.74 [65] .
From equation (50) it follows that the relative thickness of the interphase layer l ip /R a at constant ρ latt and ϕ fi ll is a constant, which is inconsistent with experimental data. Figure 17 presents the dependences of (l ip /R a ) on R a for PGE-fi ller and PGE-O systems at ϕ fi ll = 0.176, where the theoretical estimates are displaced along the vertical by an arbitrary magnitude until they match the experimental dependences. From these graphs it follows that the relative thickness of the interphase layer (l ip /R a ) is not a constant for fi xed ϕ fi ll but decreases with increase in the particle radius R a . The concept given in [65] does not describe such an effect, whereas a fractal model does this correctly with allowance for the quantity R a and the surface state of the fi ller particles (different curves for PGE-fi ller and PGE-O specimens at an identical value of ϕ fi ll ). As is known [77], the surface treatment of graphite particles with a mixture of acids leads to a reduction in its fractal dimension. It is curious that the relative thickness of the interphase layer in continual interpretation (the dashed line in Figure 17 ) is essentially the lower limit for the corresponding parameter in the case of a fractal model, which is achieved at greater R a . In other words, increase in the values of d fi ll determines an increase in the thickness of the interphase layer in fi lled polymers, which likewise follows from a comparison of the curves for PGE-fi ller and PGE-O in Figure 17 .
Let us examine, with the use of relationship (48), the variant where there is no interphase layer in fi lled polymers. Such a situation is possible in two cases: when h = 0 and R a = 0. The fi rst situation corresponds to a mathematical fractal with a range of linear scales 0-∞. In other words, this situation is unreal for fi lled polymers, which are physical fractals, i.e. their fractal behaviour is observed in the range of fi nite linear scales and it is evident that h = l st ≠ 0. The situation where R a = 0 indicates the absence of fi ller, i.e. it is a trivial case. Furthermore, as follows from relationship (48), the quantity (l ip /R a ) is independent of R a only when d fi ll = 3.
VOLUME OF THE INTERPHASE LAYER AND THE DETERMINING FACTORS
Yakubov [121] examined the thermodynamics of sorption effects on fractal objects and proposed a relationship for determining the relative proportion of adsorbed phase on such an object which, in the present work, is regarded as the relative proportion of interphase layer υ ip [118] :
where ρ is the density of the individual particle (in the examined case, graphite), m o is the mass of the individual particle from which the fractal object (an aggregate of fi ller particles) is formed, and D is the fractal dimension of the object.
The quantity m o can be estimated from electron micrographs of cleavage faces of fi lled polymers [59] . Identifi cation of D requires some discussion. In [121] it is suggested that the fractal dimension of the aggregate of fi ller particles be adopted as D. As noted above, these aggregates are actually fractal objects with D ≈ 2 (see Table 2 ). However, as shown by Pfeifer [122, 123] , the determining effect on the formation of the adsorption layer is rendered not by the fractal dimension of the adsorbing object but by the dimension of its surface d fi ll . Therefore, in the calculations below, it will be assumed that D = d fi ll . Furthermore, the quantity υ ip comprises the proportion not of the entire volume of the fi lled polymer but only of the adsorbed polymer matrix. Therefore, below we will use υ ip ʹ values obtained from the relationship [118] 
As estimates by means of equations (51) and (52) showed, for both series of PGE, increase in the fi ller content ϕ fi ll leads to an increase in υ ip ʹ, and here the greatest increase is observed at relatively low values of ϕ fi ll (ϕ fi ll ≤ 0.10) with the subsequent approach of asymptotic behaviour. The quantity υ ip ʹ with identical ϕ fi ll values is roughly twice as great for PGE-fi ller specimens than for PGE-O specimens [118] . Explanation of the observed difference is made possible by the dependence υ ip ʹ(d fi ll ) given in Figure 18 , which is approximated by curves of the same type and makes it possible to determine the limiting values of υ ip ʹ with allowance for the known limits 2 < d fi ll ≤ 3 [124] . Thus, at d fi ll = 2 (i.e. for the case of a euclidean plane) υ ip ʹ = 0, while the maximum value of υ ip ʹ at d fi ll = 3 is equal to ~0.66.
In [125] it was suggested that the level of interphase adhesion in fi lled polymers be characterised using parameter A, which is defi ned as follows:
where tg δ DFP and tg δ M are the tangents of the angle of dielectric losses of the fi lled polymer and the polymer matrix respectively. Increase in parameter A indicates a reduction in the level of adhesion at the "fi ller/polymer matrix" phase boundary [125] .
As shown by the results of [118] , the dependences υ ip ʹ(A) for both series of PGE are approximated by a T/7 single line passing through the origin of coordinates. Increase in parameter A (deterioration in interphase adhesion) determines an increase in the relative proportion of interphase layer. From these data it is possible to estimate the maximum value of A (A max ) at υ ip ʹ ≈ 0.66, equal to ~4.2. With such a value of A max and an experimental value tg δ M ≈ 0.1, equation (53) makes it possible to estimate the maximum value of tg δ DFP corresponding to the value of tg δ M at the glass transition temperature T g , which is consistent with decomposition of the regions of local order in the interphase layer [126] and with the achievement of its "structureless" state. Note also that an increase in parameter A, according to equation (53), indicates an increase in molecular mobility in the fi lled specimen by comparison with the initial matrix polymer. This observation suggests a looser molecular packing in the fi lled polymer. The given data indicate that the introduction of graphite into PGE leads to loosening of the structure of the interphase layer. In [118] an analysis of the relationship between d fi ll and D c for both series of specimens of fi lled PGE was also presented. This showed that, as D c increases, a linear increase in d fi ll occurs. At D c = 2 these dependences are extrapolated with a fi nal value d fi ll = d o . From the physical sense of dimension D c as the characteristic of the degree of aggregation of fi ller particles, it can be concluded that the quantity d o is the dimension of the surface of the initial (non-aggregated) fi ller particles. Such a conclusion is confi rmed by the fact that, for PGE-fi ller, the value d o ~ 2.10, which is consistent with data for graphite that were given in [66] . Analytically,
and from data in Figure 18 the empirical dependence υ ip ʹ(D fi ll ) can be presented as
The combination of equations (54) and (55) To explain the effect of the dimension of the surfaces of the fi ller and polymer particles on the interphase adhesion in fi lled polymers, the concept of "accessibility" of the loci of these surfaces for the formation of interphase (physical and/or chemical) bonds was introduced. As a fi rst approximation, it is suggested that semi-quantitatively the degree of such "accessibility" be determined by the difference in the dimensions (including the fractal dimensions) of the indicated surfaces. The greater this difference (the higher their discrepancy), the lower is the degree of interphase adhesion (other conditions being equal). We will explain this idea using a coarse but graphic example.
We will assume that the fi ller particles have a very rough surface, the dimension of which approaches the euclidean dimension d = 3 (for example, Al 2 O 3 [123] ), while the surface of the polymer is ideally smooth, i.e. d = 2. In this case, contact between the indicated surfaces is possible only at the tips of the most protuberant roughnesses of the fi ller particles, which will lower drastically the degree of interphase adhesion, other conditions being equal. In other words, this discrepancy of the dimensions may refl ect the inaccessibility of the greater part of the surface of the fi ller particles for the formation of interphase bonds.
Another, and more precise, method for quantitative characterisation of this effect is the concept introduced in [118] [87] of the "non-screened" perimeter of any object, i.e. a fi ller particle. This part of the surface is "accessible" for the formation of interphase bonds [127] . As is known [65], fi lled polymers at a certain fi ller content ϕ fi ll comprise percolation clusters with a fi rst percolation threshold ϕ fi ll ≈ 0.15-0.17. Since the maximum value of ϕ fi ll for the examined fi lled PGE is equal to ~0.176, these systems are below the percolation threshold and equation (20) is valid for them, while the number of interphase loci (nodes) on the particle surface N n that are accessible for formation is given by relationship (19). The magnitude of the fractal dimension of the surface of the fractal object is assumed to be equal to the corresponding parameter of its structure [128] , and therefore, for the polymer matrix, this characteristic is assumed to be equal to the fractal dimension of the structure of the polymer d f , the values of which for PGE with fi ller are given in [73] . Thus, the degree of "accessibility" of the surface of the fi ller particles can be characterised by one further parameter [118] :
Comparison of the two parameters N n and Δd, which characterise the same effect, showed that increase in Δd leads to a reduction in the number of "accessible" loci, and here, at Δd = 0.5, the formation of interphase bonds is not expected at all (N n ≈ 0). The extrapolation of the graph N n (Δd) to Δd = 0 yields the maximum value N n ≈ 195 relative units. Using this value in relationship (19), we obtain the condition of its realisation d f ≈ 3 at the maximum value of R a . For lower values of R a , this condition cannot be realised, since it gives the unreal value d f > 3. Consequently, this example demonstrates the effect of the process of fi ller particle aggregation on the formation of interphase bonds [118] .
As noted above, the role of the surface of the framework of fi ller particles consists in changing the structure of the polymer matrix, which is refl ected in a corresponding increase in d f [73] . In connection with this, the question arises as to the degree to which the given increase in d f relates to the interphase layer, and the degree to which it relates to the polymer matrix itself. At present there is the view that structural changes occur only in the interphase layers of fi lled polymers, without affecting the polymer matrix, and in any case at low values of ϕ fi ll . Let us examine this question in more detail.
On the assumption that the polymer phase of the fi lled polymers consists of two structural components (the interphase layer and the volume polymer matrix with relative proportions υ ip ʹ and υ M respectively), it is possible to write [129] where Δd f is the difference in the fractal dimensions of the interphase layer and volume polymer matrix (
). The quantity d f ip implies an average value of the fractal dimension in the interphase layer, since a sudden transition in this case is ruled out for the same reasons as given by Flory [130] for the case of the phase boundary in amorphous-crystalline polymers. The value of Δd f can be estimated from experimental data on Δϕ cl with the use of relationship (29). If a linear increase is assumed in the fractal dimension in the interphase layer from d f m at the "volume polymer matrix-interphase layer" boundary to d f o at the "interphase layer-fi ller" boundary, then it is possible to estimate d f o from the relationship [129] 
Pfeifer [123] showed that between the fractal dimensions of macromolecules in the adsorbed (interphase) layer Within the framework of fractal analysis, the value of D melt is determined in the following way [106] :
For linear macromolecules, the fractal dimension d s = 1, which indicates their one-dimensional connectedness [107] . From equation (63) it follows that, when D melt < 2.5, d s < 1, i.e. the polymer melt on the surface of the aggregates of fi ller particles does not even possess one-dimensional connectedness, although, for bulky polymers, the value of d s is much greater than unity [20] . This means that, when D melt < 2.5, the melt on the surface of the fi ller particle aggregate is divided into fragments of the fi lm type with uneven, topologically unconnected edges (specimens of PEG-fi ller with D melt = 2.39). In the case of PEG-O specimens (D melt = 2.73), the aggregates were covered with a thin (in the microscope it is possible even to see the structure of an aggregate) polymer fi lm without signs of fragmentation.
The same aspect of formation of the interphase layers was examined in [131] in more general physical terms, namely chaos and parameters of order. The processes of chaotic linear dynamics often form fractal structures, but it is usually diffi cult to fi nd quantitative relationships between them [132] . It is evident that the structure of amorphous polymers (or the amorphous phase of amorphous-crystalline polymers) gives grounds for assuming the presence within it of certain measures of the degree of chaos. One of the possible measures of the degree of chaos in the dynamics of the system (in the given case -the structure of the polymers) is the Lyapunov index λ [132] . It is a measure of the exponential rate of divergence or convergence of the average trajectories in phase space along the direction of the given coordinate. Chaotic processes are characterised by exponential divergence of neighbouring trajectories and, on the strength of this, by at least one positive Lyapunov index. In [131] it was shown that an increase in λ leads to an increase in d f for the structure of polymers.
A stricter defi nition of deterministic chaos is the condition [132] 
where D 2 is the correlation dimension of the structure.
It is now well known [13] that polymers possess a multifractal structure in which the Regnault dimensions D q obey the condition D q+1 < D q [64] . Since d f = D o corresponds to q = 0, and when q = 2 we have D 2 , the multifractal nature of the structure of the polymers determines fulfi lment of condition (64) (especially in the region q = -2-2 [13]) and consequently the chaos of the structure of the polymers is deterministic [131] .
One of the aspects of variation in chaos in the structure of the interphase layer of the fi lled polymers stems from fractal analysis of adsorption processes [66, 122] . As suggested by Pfeiffer [123] , in the general case, for conformations of the polymer chain, determined by its fractal dimension D ad , on the fractal surface with dimension d fi ll the condition
is valid, where D coil is the fractal dimension of a macromolecular coil in solution. For a poor solvent D coil = 2, and for a good solvent D coil ≈ 1.67 [106] .
The transition of a polymer coil from solution into a condensed state is accompanied with change in its surroundings (from solvent molecules to analogous polymer coils), which leads to a change in its fractal dimension. In the condensed state it is determined from equation (63). The dimension of a macromolecular coil in solution D coil with allowance for the effect of excluded volume is given as [106] 
The combination of equations (63) and (66) [131] which is transformed into a high level of local order (see equation (29)). With high d fi ll , approaching 3, the coils in the interphase layer retain the conformation they had in solution. In this case, the level of chaos in the interphase layer decreases owing to increase in d f . Nonetheless, in this case a greater degree of chaos of the interphase layer will occur with adsorption from a good solvent, and a lower degree of chaos with adsorption from a poor solvent. However, as a rule, real fi lled polymers are obtained by mixing the fi ller with the polymer melt. In this case the fractal dimension of a coil in the melt is equal to 2.5 [106] and the interphase layer will possess high d f and a relatively low level of chaos. This explains the reduction in plasticity of fi lled polymers as aggregation of the fi ller particles progresses, causing an increase in d fi ll [73, 131] .
FORMATION OF THE STRUCTURE OF THE INTERPHASE LAYER
In a study of the structure and properties of the interphase layer, use is generally made of the deposition of the polymer on fi ller particles from solution or melt under static conditions [1] . In such situations, the main role in structure formation of the interphase layer is played by diffusion processes. Under industrial conditions, the processing of fi lled polymers is carried out using injection moulding machines, where the conditions of formation of the interphase layer differ considerably from the conditions of free deposition on account of high pressure and fl owrates of the melt [133] , i.e. the mechanism of structure formation of the interphase layer in this case differs substantially from that under static conditions [134] .
Earlier, the possibility of modelling the structure of amorphous glassy polymers as a collection of clusters WS was demonstrated [135, 136] . The same method was used successfully to model depositions on fi bres and surfaces [137] . In [138] the following relationship was obtained between l ip and the number of particles N i in the interphase layer:
where index ε is equal to ~1.7 for depositions controlled by diffusion, and to ~1 for conditions where diffusion processes are insignifi cant.
An estimate of the values of N i was done in the following sequence [134] . The total length of the macromolecules L per unit volume of the polymer is defi ned as [25]
The length of the macromolecules in the interphase layer
Then, the number of particles (statistical segments) N in the interphase layer can be obtained from the equation
As follows from data in Figure 19 , for fi lled PGEs the exponent in relationship (67) is equal to ~1.1, which suggests the formation of an interphase layer in the indicated systems practically without the participation of diffusion processes. As noted above, this is caused by the greater pressures and fl owrates of the melt with short processing times. From relationship (67) it follows that a reduction in ε indicates a considerable reduction (by several factors) in the thickness of the interphase layer. Variation in ε also determines the corresponding structures of the interphase layer. Index ε can be expressed in the following way [138] :
From equation (71) it follows that, for ε = 1.7, d f = 2.58, which is similar to the dimension of a diffusion-limited cluster WS [137] , but when ε = 1, d f = d = 3, i.e. the structure of the interphase layer loses its fractal properties. When ε = 1.1, d f = 2.90 (which is in good agreement with data given in [129, 131] ), i.e. the formation of a diffusion limited cluster WS is suppressed at the very start by the processing regime. As is known [25] , increase in d f indicates a reduction in the level of local order in the interphase layer, i.e. weakening of its structure.
Relationships (67) and (70) together make it possible to estimate the infl uence of the molecular characteristics of the polymer matrix, namely C ∞ and S, on the thickness of the interphase layer. Assuming the quantities υ ip , ϕ fi ll , l o , and ε to be constant (ε = 1.1), and alternately varying the values of C ∞ and S, it is possible to plot the dependences l ip (C ∞ ) and l ip (S) (Figure 19) . Increase both in C ∞ and S leads to a considerable reduction in l ip , and here the sharpest fall is observed at relatively low values of the indicated molecular characteristics. Similar dependences of l ip were obtained with ε values in the range 1.0-1.7, while increase in ε leads to a stronger fall in l ip as C ∞ or S increases.
FRACTAL DESCRIPTION OF THE STRUCTURAL CHANGES IN ORIENTED FILLED POLYMERS
A great deal of attention has always been paid to the study of oriented polymers, and they have been carried out within the framework of classical concepts of orientation processes [139] . The process of orientation of fi lled polymers has been studied much more rarely [76] . Below, an examination will be made of the application of fractal analysis for describing the structure and properties of polymerisation fi lled polymers based on ultrahigh molecular weight polyethylene (UHMWPE), obtained by solid-phase extrusion [140] . [134] In describing the structure and properties of polymers, methods of fractal analysis are still used infrequently, although the presentation of the molecular chain as a fractal is obvious [141] . According to [57] , a broken line of length l, having a distance between its ends R, can be presented in the following way:
where a is the length measurement scale, and D is the fractal dimension of the broken line (1 ≤ D < 2).
If the section of the macromolecule between nodes of macromolecular entanglements is presented by a model with retarded internal rotation [103] 
Here, the distance between nodes of entanglements R c was adopted as R, and the length of a statistical segment l st (the "natural" length scale for a polymer chain [25] ) was adopted as a. Equation (73) makes it possible to examine the chain fragment between entanglement nodes, with molecular weight M c , as a fractal with dimension D chain . The self-similarity of such a fragment of the polymer chain was demonstrated in [143] .
Since polymers in the solid-phase state are thermodynamically non-equilibrium systems [144] , their behaviour during deformation must be regarded from the viewpoint of the thermodynamics of strongly non-equilibrium systems. According to [145] , it is determined by processes of formation and evolution of dissipative structures (DSs) ensuring the optimum regime for dissipation of the energy supplied from outside. A feature of a DS in a deformed body is the existence of a universal hierarchy of three-dimensional scales (structural levels). It is assumed [145] that, even in elastically isotropic bodies, there exist at least three independent length scales. For polymers it is natural to adopt the length of a real skeletal bond l o , l st , and R c [25, 26] as such scales. In the process of deformation, the fi rst two scales do not change, while change in R c is proportional to the molecular (microscopic) degree of elongation λ mol (in the direction of orientation). Then, the coeffi cient of self-similarity Λ 23 for the second and third scales should be written as [142] 
Since, with change in (R c /l st ) Dc in the process of orientation, the quantity l c /l st remains constant, from equations (73) and (74) we will obtain [142] λ λ
Here, it is considered that an extrusion (macroscopic) degree of elongation λ can be presented as n st 1/2 (where n st 1/2 is the number of statistical segments between entanglement nodes, n st = L c /l st ). Equation (75) establishes the relationship between the extrusion (macroscopic) and molecular (microscopic) degrees of elongation, which makes it possible to carry out quantitative estimates of the properties of extrudates. Note that, since for fi lled polymers the processes of orientation occur only in the polymer matrix, for them it is necesary to use a corrected value of the molecular elongation λ mol cor [146] λ λ ϕ mol cor mol fill
The most sensitive parameter in describing the orientation processes of the polymer chain is the dimension D chain .
Calculations by means of equation (75) indicate that, with increase in λ, there is an increase in D chain . At the same time, from equation (73) it follows that an increase in r c at fi xed l c and l st should lead to a rapid reduction in D chain with increase in the degree of elongation of the polymer. In order to understand the observed effect, remember the physical signifi cance of dimension D chain for the molecular chain. As follows from equation (73), the condition D chain = 1 implies that l c = r c , i.e. the chain is entirely stretched between entanglement nodes and its ability to be deformed (mobility) is entirely suppressed. At D chain = 2 the chain has the maximum possible mobility. At fi rst glance, increase in chain mobility as the degree of elongation increases is unreal. However, this effect may result from the rupture of macromolecules of the polymer during extrusion, which means a reduction in the molecular weight, and an increase in the effective M c during extrusion -disentanglement of macromolecules [147] . However, at the employed extrusion rates [148] and molecular weights of the compositions to be extruded (~10 6 ), the second method can be eliminated from the examination. The effect of chain rupture during extrusion is, essentially, entirely analogous to the "geometrically necessary" loss of entanglements during elongation of the polymer into Kreis fi brils [149] . A linear correlation is observed between the degree of crystallinity ΔK latt during orientation and the fractal dimension of the chain D chain for UHMWPE and compositions based on it. This means that ruptures of macromolecules during extrusion, increasing the chain mobility, promote orientation crystallisation of the UHMWPE, and that the main condition for an increase in ΔK latt during orientation of the polymer is an increase in chain mobility, making possible the packing of its segments into crystallites [142] . In its physical essence, this effect is entirely analogous to the well-known increase in K latt as the molecular weight of the polymer decreases [144] . Increase in λ (or λ mol ) promotes this process, but not under any conditions. Thus, the greatest number of chain ruptures will be realised with a dense network of entanglements, i.e. at high molecular weights, or under specifi c conditions, one of which may be the presence of a fi ller [150] .
Let us examine the effect of the latter factor on the process of molecular orientation of fi lled high molecular weight polyethylenes (FHMWPEs). As shown in [151] , an increase in λ mol cor was observed as ϕ fi ll increased at a fi xed value of λ. At the same time, the quantity λ mol cor is dependent on the type of fi ller. At identical λ, the degree of molecular elongation increases in the following order of fi llers: kaolin → bauxite → aluminium power (Al) [151] . This effect may be connected with the wellknown dependence of the properties of fi lled polymers on the level of adhesion at the polymer-fi ller interphase boundaries and, consequently, with the strength of these boundaries [92, 150] . Rupture of the macromolecules at the interphase boundaries leads to a reduction in the network density of the macromolecular entanglements, which raises the limiting degree of elongation by comparison with the polymer matrix and, consequently, the quantity λ mol cor .
In [151] an estimate was made of the fractal dimension of the surface of fi ller particles d fi ll , and then the dimensions of the unscreened perimeter of fi ller particles d fi ll and the number of unscreened loci upon it m were calculated according to equations (16) and (17) respectively. The values of d fi ll and m (in relative units) that were calculated in this way for kaolin, bauxite, etc., were respectively 1.697, 1.781, 1.739 and 7.64, 10.61, 9.0. To explain the relationship between the structure of the surface of the fi ller particles and the properties of the oriented UHMWPE expressed by parameter λ mol cor , Figure 20 gives the dependence of the normalised quantity (λ mol cor /m) on λ, which is described by a single curve. This means that λ mol cor is inversely proportional to m, i.e. to the number of points of contact of the fi ller and polymer matrix. Consequently, the degree of molecular elongation increases with increasing fi ller concentration and depends on the surface structure of the fi ller particles.
As is known [152] , the concepts of fractality and order are closed interrelated. A study of the order-fractality relationship is particularly important for polymers by virtue of two facts. Firstly, the polymers are fractals on a scale of ≈3-50 Å. Secondly, the polymer occasionally is not entirely ordered or disordered: even at temperatures exceeding its glass transition temperature T g it possesses local order [153] . At the same time, it is impossible to produce a polymer with 100% crystallinity [144] . In addition, the crystallising polymers possess a complex structure consisting of an amorphous and a crystalline phase. Within the framework of a cluster model of the structure of the amorphous state of the polymers [100] , the structure of the fi rst of the indicated phases comprises regions of local order (clusters immersed in a loosely packed matrix [154, 155] . To complicate the situation still further, a large number of widely used amorphous-crystalline polymers (polyethylenes, polypropylene) in tests under room temperature conditions possess a devitrifi ed loosely packed matrix. The indicated circumstances determine the importance of describing the complex structure of crystallising polymers using a general physical parameter -its fractal dimension. In [156, 157] the relationship between d f and structural state was investigated for a series of polyethylenes. [156] Figure 21 (line I) shows the relationship between the degree of crystallinity K latt , determined from the density, and the fractal dimension of the structure d f for a series of polyethylenes. The value of d f was determined from equation (8). At fi rst glance, the data given for polyethylenes are in excellent agreement with the concept of earlier work [107] -a completely disordered polymer has a fractal dimension of 2, and for a completely ordered polymer (K latt = 1) d f = 3. However, as regards the given correlation, a number of observations should be made. Firstly, to plot the graph in Figure 21 (line I), use was made of the quantity K latt which takes into account not only the long-range order (crystallites) but also the presence of regions of intermediate (local) order [158] . The use of an X-ray degree of crystallinity K X-ray may lead to considerable deterioration in this correlation. Thus, for UHMWPE K latt ≈ 0.72, while K X-ray ≈ 0.53 with identical values of d f . For example, in impact tests of grade 273 high-density polyethylene (HDPE-272), with a variable V-notch length, there was a reduction in d f under the evident condition K latt = const [154] . Thirdly, for the UHMWPE specimens obtained by solid-phase extrusion and UHMWPE-based components, there is an increase in K latt with a practially unchanged value of d f [146, 148] . All these observations suggest that the fractal dimension of the structure of amorphous-crystalline polymers (including fi lled polymers) is dependent not only on the degree of long-range order, i.e. the degree of crystallinity (determined by K X-ray ) but also on the structure of the amorphous phase of the polyethylenes, i.e. on the degree of local order [156] . , determined in the following way. Within the framework of a cluster model it is assumed that the amorphous-crystalline polymer consists of two phases -amorphous and crystalline (the relative proportions of which are ϕ a and ϕ cr = K X-ray respectively, and here ϕ a = 1 -ϕ cr = 1 -K X-ray ). In turn, the amorphous phase consists of two structural components -clusters and the loosely packed matrix, the relative proportions of which are denoted by ϕ cl and ϕ l.m . They are connected by the relation [156] ϕ ϕ ϕ ϕ l.m a cl X-ray cl
It was also assumed that the relative proportion of loosely packed matrix should be adopted in terms of the entire polymer and not only in terms of the amorphous phase, i.e.
On the dependence d f (ϕ l.m red ) (Figure 21 , line II) are presented the results of tests on specimens of HDPE with notches of different length at T = 293 K. At the same time, data are given from tensile tests at T = 293, 313, and 333 K on specimens without a notch and fi lm specimens. Analytically, this dependence can be presented as follows [157] (79) demonstrates the various types of dependence of d f on the degree of local and long-range order -increase in the degree of the former lowers d f , while increase in the degree of crystallinity increases it, which is consistent with data in Figure 21 (line I). The proposed model made it possible to carry out correct description of structural changes of composites based on UHMWPE during solid-phase extrusion.
ANALYSIS
Let us discuss fractal approaches to the failure and thermal shrinkage of oriented fi lled polymers. At the start, we will examine the fracton concept of failure [159] as the fundamental interpretation of this process for polymers. It is well known [160] that the dilaton concept of the process of failure of solids presupposes breakdown of negative fl uctuation of the density of the dilaton, the length of which is determined by the length of the free path of the phonons Λ. In this case the coeffi cient of overload ae on bonds being ruptured can be expressed in the following way [161] :
where α is the interatomic distance.
For oriented polymers, values of Λ of the order of 100 Å have been obtained [161] . However, in [162] , for non-oriented polymers subjected to high-speed failure, it was shown that Λ ≈ a (i.e. ae = 1), and such a dilaton consisting of two neighbouring atoms was termed "degenerate". It was also found [163] that, in this case, experimental values of the stress of athermal failure proved to be considerably lower (by a factor of 2-3) than the calculated values. A further important feature of failure of non-oriented polymers in impact tests is low values of ae (≈0.2-1.0). This means that the stress on the ruptured bonds is considerably lower than the nominal stress of failure in the specimen. And, fi nally, it was found [164] that quantity ae decreases as the test temperature increases and on transition from brittle to ductile (plastic) failure. An explanation of these effects is given in [162] . Development of ideas of fractal analysis for polymers [13, 20, 106] and in particular the appearance of work by Alexander and Orbach [107] , who introduced the concept of the "fracton", made it possible to propose a fundamental intepretation of the process of failure of the polymers [159] , including the dilaton concept [160, 161] as a composite part. Alexander and Orbach [107] showed that vibratory disturbances on a fractal were localised by virtue of the fractal geometry of the medium, and such localised disturbances were termed fractons. It was shown experimentally [20] that, for polymers, the fracton regime is localised on the scale of linear dimensions from a few angstrons to a few tens of angstroms, and the latter quantity is in excellent agreement with the range of distances between the molecular entanglements r c for the polymers indicated above. Remember that rupture of sections of chains between these entanglements represents failure of the polymers on the molecular level. Localisation of disturbed states (phonons) in the scale range indicated above means that a phonon cannot move a distance greater than the interatomic distances, in other words Λ ≈ a and ae ≈ 1 according to equation (80). This condition is fulfi lled by virtue of the fractality of the section of the chain between the points of its topological fi xing (chemical crosslinked points, macromolecular "knots", clusters, etc.). Transition to normal behaviour of phonons, i.e. Λ > a and ae > 1, is realised when the indicated section of the chain loses its fractal properties and becomes a euclidean object, i.e. under the condition D chain = 1 [159] .
Let us examine the causes of the values ae < 1 cited in [162] for non-oriented polymers. As is known [114] , D chain characterises the degree of molecular mobility (deformability) of the chain section examined. Increase in molecular mobility leads to a corresponding increase in relaxation of the stress of failure of the specimen σ t [165] . Such an interpretation suggests the presence of correlation between parameters ae and D chain . This suggestion is confi rmed by data in Figure 22 , where the dependence ae(D chain ) is given for ten different polymers. As can be seen, the quantity ae increases more rapidly than D chain , indicating, on the molecular level, a strong dependence of stress relaxation on the degree of molecular mobility. Analytically, this dependence can be presented in the following way [159] :
At the same time, Figure 22 gives the dependence of ae on the molecular degree of elongation λ mol for UHMWPE extrudates without and with a fi ller (aluminium powder), demonstrating a linear correlation ae(λ mol ) which at λ mol = 1 is extrapolated to ae = 0. This means that failure of the polymer without preliminary chain elongation is impossible. In other words, this calls for a certain non-zero strain before failure for specimens of non-oriented polymers. The maximum value of λ mol can be written as [149] 
In [25, 27] it was shown that the ratio in the right-hand part of equation (82) comprises the coeffi cient of selfsimilarity of the structure of the polymer, which is equal to the characteristic ratio C ∞ , i.e. it is possible to write λ mol ≈ C ∞ . The maximum molecular degree of elongation λ mol is achieved in the case of complete orientation of the chain between nodes of entanglements and therefore corresponds to the conditions D chain = 1 and ae = 1, as noted above.
The dashed region in Figure 22 indicates the range of C ∞ values for polyethylenes from 5.7 [166] to 7.0 [103] . As can be seen, it is in this range of values λ mol ≈ C ∞ that the quantity ae reaches unity, which signifi es complete elongation of the chain section between entanglements, transition from fractal behaviour of this section to euclidean behaviour, the appearance on the chain of mechanical overstresses, and change in the regime of failure on the molecular level from fracton to dilaton. Not that, even intuitively, it is diffi cult to anticipate mechanical overstresses on a completely unelongated chain fragment. We will now examine the cause of chain rupture with such low stresses upon the chains that they may be an order of magnitude lower than the macroscopic stress of failure σ t (i.e. at hypothetical ae = 0.1, see Figure 22 ). These causes are presented in [160] , in which the increase in anharmonism in the zone of failure is due to an effect identical to the effect of mechanical overload. Quantitatively, this effect is expressed by the ratio of the coeffi cient of thermal expansion in the zone of failure to the modal coeffi cient of thermal expansion [162] . A further reason is the close interrelationship of the processes of local fl ow and failure. This makes it possible to personify the zone of failure for non-oriented polymers as a zone of local plasticity [159] .
In [92, 167] , an extremal change in σ t as a function of λ for extrudates of components UHMWPE + Al and UHMWPE + bauxite was shown. Increase in λ causes a monotonic reduction in the density ρ of the extrudates [167] . The limiting degree of stretching λ b corresponding to failure of the specimen in mechanical tests increases with increasing λ. Such behaviour of λ b differs from that traditionally observed for oriented polymers, where increase in λ lowers λ b owing to the disappearance of mobility of the molecular chains [139] . Thus, it was established [148] that, for experimental UHMWPE, increase in λ from 3 to 5 reduces λ b from 1.18 to 1.12.
The presence of the dependence ρ(λ) and knowledge of the mechanism of failure make it possible to use the model of [168] for description of the process of failure. 
where d b is determined by means of equation (4). Thus, the fractal model [168] allows adequate description of the process of failure of extruded fi lled polymers [92, 167] . Note that λ b is calculated from the density of extruded specimens not subjected to further strain in mechanical tests. This means that breakdown of interphase boundaries occurs during extrusion. During deformation, they merge, which leads ultimately to failure of the specimen.
A study of the thermal shrinkage characteristics yields information on structural rearrangements caused by processes of orientation in polymeric materials [139] . However, in most work devoted to this question, it is the qualitative relationships of the given processes that are studied. Therefore, for quantitative description of the thermal shrinkage of extruded UHMWPE and systems based on it, in [169] use was made of concepts of fractal analysis.
Ball [170] examined the elasticity of colloidal aggregates within the framework of fractal models and introduced two characteristic length scales for the structure (a t and ξ) on the assumption that the structure does not change on scales lower than a t but on scales greater than ξ, and the colloidal aggregates are homogeneous. These assumptions made it possible to obtain a relation that defi nes the link between linear shrinkage Ψ and structural parameters of the polymer after the gelation process:
where d f and d f ʹ are the fractal dimensions of the structure of the polymer before and after gelation. As already noted, for physical (real) fractals, in contrast to mathematical fractals, there exist two natural limiting length scales (in the model of [170] , a t and ξ correspond to them): the lower scale is the length of a statistical segment l st , while the upper scale is the distance between entanglements R c [25] . Since equation (85) 
